INTRODUCTION
Multiphase steels assisted by transformation induced plasticity, known as TRIP steels, are an important class of materials due to their good combination of strength and ductility. During mechanical loading, TRIP steels gain additional strength due to a martensitic transformation of the austenitic phase. This phenomenon is strongly coupled to plastic deformations in the surrounding phases. In order to optimize the mechanical properties of this class of steels, it is important to understand the coupling of the transformation and plasticity at various length scales. At sub-grain length scales, discrete models are particularly well-suited in order to analyze the details of the complex interaction between plasticity and transformation. In the present communication, a discrete model is used to analyze an aggregate of ferritic grains (that form the matrix of a multiphase steel) and dispersed grains of austenite that can partially transform into martensitic platelets upon loading, as shown schematically in Figure 1 . The main goal of the present analysis is to study the effect of the crystal orientation of the austenitic grains.
DISCRETE MODEL

DECOMPOSITION
In the discrete dislocation-transformation model, plastic deformation is accounted for through discrete dislocations (identified with an index i) whereas transformation is modeled through individual martensitic plates (identified with an index k). Following the approach developed in [1] , the stress σ, strain ε and displacement u are de- composed as follows:
where the superscripts m, d and c refer to a transformation problem, a dislocation problem and a complementary problem, respectively. The transformation problem consists of isolated platelets of martensite embedded in an infinite austenitic matrix and subjected to a transformation strain ε tr k (due to the formation of martensitic plate k) given by
Here, the vector m k is the unit normal to the (nominal) habit plane, m ⊥ k is a vector along the (nominal) habit plane, δ is the normal expansion and γ is the shear parallel to the habit plane (see e.g., [2] for details). Analytical expressions for the case of martensitic plates with elliptical cross-sections and edge dislocations in an isotropic medium can be found in [1] and [3] , respectively. The dislocation problem refers to dislocations embedded in an infinite homogeneous medium (either ferrite, austenite or martensite depending on the phase in which the dislocation core is located). The complementary field, which is obtained numerically, is used to satisfy the actual boundary conditions and to account for the inhomogeneities due to the presence of a ferritic matrix as well as the formation and growth of martensitic plates. The tensor of elastic moduli of a phase p is denoted as C p , with p = f, a or m for the ferritic, austenitic or martensitic phases, respectively. For an isotropic phase,
where κ p is the bulk modulus, µ p is the shear modulus, and I and I are the second and fourth-order identity tensors, respectively. Under quasi-static conditions, the complementary boundary value problem corresponds to solving divσ c = 0, together with the following stress-strain relations:
with ε c = 1 2 (∇u c + (∇u c ) T ) and prescribed boundary conditions for the complementary fields that follow from the boundary conditions of the original problem upon using (1). In (4), the tensors P k are polarization stresses that result from the difference in elastic properties between the ferrite, austenite and martensite. The subscripts f, a and k indicate that the polarization stresses are used to correct for the proper stiffness in the ferritic, austenitic or martensitic regions, respectively, while the superscripts m and d indicate that the polarization stresses are related to the martensitic transformation or to the dislocation field, respectively. Expressions for these tensors in the case of a single crystal of austenite can be found in [1] and will be presented in detail for the case of multiphase steels in a forthcoming publication of the present authors.
EVOLUTION OF MICROSTRUCTURE
Based on the stress state at a given time, evolution relations are used to update the number and location of martensitic plates and dislocations for subsequent times. Referring to [1] for further details, these rules are briefly summarized here for the two-dimensional problem at hand (Figure 1 ), in which all dislocations are of edge character. The appearance of new dislocation dipoles and martensitic plates is simulated using nucleation sources randomly distributed across the specimen (dislocation sources in ferrite and austenite and transformation sources in austenite). At each transformation source k, a nominal driving force (based on the nominal habit plane) is compared with a critical value f cr k . If the critical value is exceeded, possible nucleation of martensite is further tested based on an embryonic plate centered at the source and with a major semi-axis of length c 0 . The final criterion to allow the actual nucleation of an embryonic martensitic plate is that it can grow, based on the following growth model: Growth of a martensitic plate is assumed to occur by lateral movement of the tips of the elliptical cross section along the (nominal) habit plane (i.e., major axis of cross section). In the present model, it is assumed that the aspect ratio of the martensitic plates is preserved during growth. Consequently, the growth of the plate can be specified based on the velocities of the tips, denoted as v (1) t and v (2) t . The kinetic law that relates the velocity of tip q = 1, 2 to an effective transformation driving force can be expressed as
where B m is a drag coefficient for transformation, e is the aspect ratio of the martensitic plate, c is the length of the major semi-axis, S m k is the interface between the martensitic platelet and the austenite, f for q = 1, 2. Additional rules to handle special situations can be found in [1] . Nucleation of dislocation dipoles is modeled by twodimensional Frank-Read sources and is controlled by the Peach-Koehler force f d (dislocation driving force). A dislocation dipole is nucleated when the magnitude |f d | of the Peach-Koehler force exceeds a critical value f cr = bτ cr during a prescribed time interval t nuc . Here, b is the magnitude of the Burgers vector and τ cr is a critical resolved shear stress at a source. After nucleation, the movement of each dislocation core i is determined by its velocity v d i , which is specified using the following kinetic relation with the Peach-Koehler force f d i acting on dislocation i:
where v d i is the velocity of the dislocation along the slip direction, B d is a drag coefficient and v d max is a cut-off value for the dislocation velocity. Additional details can be found in [3] . The nucleation criterion and kinetic law used for the ferrite and the austenite are formally similar (only the values of the model parameters are distinct). Experimental evidence indicates that in high-carbon martensite the behavior is mostly elastic until fracture, which occurs at high stress levels (see [4] ). Consequently, Frank-Read sources originally located in the austenitic phase that, due to a phase transformation, become embedded in the martensitic phase, are deactivated. Grain boundaries are incorporated in the simulation as impenetrable barriers for the movement of dislocations and, in the case of austeniteferrite boundaries, as barriers for the growth of martensitic plates.
SIMULATIONS
The present simulations are carried out within a plane strain setting, hence attention is restricted to the movement of edge dislocations whose dislocation lines lie in the out-of-plane direction of the specimens. Two slip planes, with plane normals forming an angle of 60
• between them, are used inside the ferritic and austenitic phases, while two habit plane normal vectors m k in the austenitic phase are chosen oriented at angles of 40
• and 80
• with respect to the austenitic slip plane normals. Values for geometrical and material parameters are indicated in Table 1 (see [1] for additional explanations).
In all simulations, a rectangular sample with in-plane dimensions L = 12µm and h = 4µm (cf. Figure 1 ) is subjected to plane-strain uniaxial deformation by imposing the following boundary conditions: u 1 = ±(1/2)Lεt and u 2 = 0 for x 1 = ±L/2 and σ 12 = σ 22 = 0 for x 2 = ±h/2, with a nominal strain rateε = ±(1/6)·10
4 µm·s −1 . The left and right sides of the specimen are taken to be impenetrable boundaries for dislocations. The top and bottom sides of the samples are free surfaces across which dislocations can move out of the specimen. Two uniform orientations of the austenitic grains are analyzed as indicated in Table 2 in terms of the slip and transformation systems (see also Figure 1 ). Observe that orientation A is symmetric with respect to the tensile direction. The angles θ 
60
• each austenitic orientation, two cases are studied: a simulation with dislocation sources only (Case 1) and a simulation with dislocation and transformation sources (Case 2). The first case represents a non-transforming mixture of ferrite and austenite and the second case corresponds to a mixture of ferrite, austenite and martensite, which represents the transformation-induced plasticity case. Figure 2 shows the average axial stressσ 11 as a function of the average axial strainε 11 of the samples with orientations A and B for the cases with and without transformation. The strengthening effect due to transformation- induced plasticity can be observed by comparing the dislocation-only case (dashed line) with the combined dislocation-transformation case (solid line). The strength of the combined dislocation-transformation case is initially slightly smaller than the dislocation-only case due to the additional stress relaxation connected to the martensitic transformation. However, after transformation has occurred, the strength of the dislocation-transformation case increases above the dislocation-only case, signaling the increased influence of the (hard) martensitic phase. For orientation A (symmetrically-oriented) this effect is more significant than for orientation B. Interestingly, the stress responses of the combined dislocationtransformation case for orientations A and B are similar; the main effect of the crystal orientation seems to be on the dislocation-only case. In particular, the stress curve for orientation A in the dislocation-only case shows a softer response than the corresponding dislocation-only case for orientation B. The normalized transformation fraction (i.e., the current value of volume fraction of austenite divided by the initial value of the volume fraction) is shown in Figure 3 . The average transformation rate for orientation B is slightly lower than for orientation A, which is consistent with a priori predictions based on a nominal transformation driving force and a homogeneous state of uniaxial tension. Nevertheless, the transformation rates are in general terms somewhat similar, hence the present simulations indicate that the effect of orientation on transformation rate is relatively weak. This weak dependency can be interpreted in terms of the actual stress field in the computations, which deviate considerably from uniaxial tension. Indeed, the fluctuations in axial stress within the sample can be significant, as shown in Figure 4 , which depicts the distribution of σ 11 at an axial strain ofε 11 = 0.65% for orientations A and B. From this figure, which corresponds to a state where significant transformation has occurred, it can be seen that the stress fields in the ferritic matrix for orientations A and B are relatively similar, which is consistent with the similar stress-strain response for the combined cases as shown in Figure 2 . This similarity can be explained as follows: Due to dislocation pile-ups on the ferritic grains adjacent to the austenitic grains, the transformation driving force is sufficiently large to trigger the nucleation of martensite for both orientations A and B. Furthermore, once the austenitic grains have significantly transformed into martensite, the subsequent response is similar for both orientations since (i) the elastic behavior of the martensite is assumed to be isotropic and (ii) the plastic deformation on the untransformed austenite only plays a minor role. It is plausible that the effect of the austenitic grain orientation might be stronger if elastic anisotropy is also incorporated in the modeling, but such formulation lies outside of the scope of the present work.
CONCLUSIONS
The austenitic grain orientation appears to have a stronger effect on the plastic deformation than on the martensitic transformation. Even though orientation B is nominally less favorable for transformation than the symmetricallyoriented configuration A for a homogeneous state of uniaxial stress, the transformation rates are somewhat simi- --------------------------------------------- -- -------------------------------------------------------------- lar for both cases. The discrete dislocation-transformation simulations reveals that the stress field is sufficiently heterogeneous at the sub-micron scale to activate transformation sources that would normally not be activated under locally more homogeneous conditions (see e.g., [2] ). This information is relevant for mesoscale models in the sense that stress concentrations (such as pile-ups at grain boundaries) turn out to play a significant role on the transformation behavior and therefore need to be taken into account.
